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Letters 
Intergranular precipitation in austenitic t 
alloys ~o Xc~(r) 

Various workers have attempted to predict theor- 
etically the kinetics of grain boundary precipitation. 
Early work of Zener [1] was successfully devel- 
oped by Aaron and Aaronson [2] and Brailsford 
and Aaron [3]. Aaron and Aaronson's model was 
most successful in relating theory to practice, par- 
ticularly with aluminium alloys. More recently, 
Faulkner and Caisley [4] have refined the Aaron 
and Aaronson model for conditions specific to 
early stages of precipitation. This approach is 
successful in predicting intergranular precipitation 
of carbides in the high nickel alloy, Nimonic* PE16 
(see Table I for composition). 

This letter shows predicted behaviour for two 
other austenitic alloys; Alloy 800 and 20/25 Cr -  
Ni-Nb steel (see Table I for compositions). 
Experimental intergranular precipitation data have 
recently been reported [5, 6] for these two alloys. 
Favourable comparison of experimental results 
with theoretical predictions is shown, indicating 
that the model can be applied more generally to 
austenitic alloys. 

A convenient way of presenting results on 
intergranular precipitation is by means of iso- 
thermal precipitation curves. These show the time 
taken for a given dimension of the grain boundary 
precipitate to reach a given size as a function of 
temperature. All models begin on the premise that 
the atom flux arriving at the edge of the precipi- 
tate is t;onverted into new precipitate. 

The flux arriving at the precipitate is given for 
the grain boundary situation by [2]: 

dm A v  Dr2  --x~(~))p~ (1) 
dt 7ri/2 (x~ so , -a  t -u2  

where 
Av is the area of grain boundary associated 

with each precipitate 
D is the volume diffusion coefficient for the 

solute in thematrix 
x~ is, the concentration of solute in the matrix 

(volume fraction) 
ps ~ is the partial molar density of the solute in 

the matrix 
*Trade mark ~f Henry Wiggin & Co. Ltd. 
0022--2461/79/092249--05 $02.50/0 

is time 
is the equilibrium concentration of solute 
in terms of volume fraction at the precipi- 
tate-matrix interface, corrected for the 
Gibbs-Thompson effect as given below 

oo  oo  x~(r) = x~ e x p \ ~  r, 

where 
r '  is the radius of curvature of the precipitate at 

the point where growth is taking place 
s is the atomic volume of the solute in the matrix 
7 is the interfacial energy between matrix and 

precipitate. 

Details of the calculation o f x ~  ~ are given in [4]. 
The growth of the precipitate fed by this flux is 

determined by the choice of growth form. Faulkner 
and Caisley [4] found that for early stages of 
growth of intergranular precipitates in Nimonic 
PE 16 matrices the precipitates can be imagined as 
small discs of constant aspect ratio. Under these 
circumstances the rate at which the thickness of 
the precipitate disc increases in terms of the arriving 
solute atom flux is given by ds/dt where [4] : 

dm 3~rk]s ~ (x ~ ~ o  , ~ - ~  ds 
--dt = - - ~ ( r ) ) U s  at (2) 

where 
k 1 is the aspect ratio 
s is the precipitate thickness 
x o is the concentration of solute in the precipitate 

(volume fraction) 

Equating Expressions 1 and 2 and integrating with 
respect to s and t, 

s6 ~ k~ (Xo ~ o  ~2 
t 4AvD(Xa ~ o  ,2 (3) 

--'~ a(r)) 

The rate-determining step during growth is solute 
arrival at the precipitate (Equation 2) rather than 
atom transfer along the precipitate-matrix inter- 
face. Making this assumption theoretical iso- 
thermal precipitation curves are produced for 
Nimonic PE 16 which show good fits with exper- 
imentally observed data in the same alloy for 
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T A B LE I Composi t ions  of  aUoys (wt %) 

Alloy Fe Ni Cr Mo Ti A1 Nb Mn Si C 

Nimonic  PE 16 bal. 42.5 17.1 3.1 1.2 1.3 - 0.05 - 0.08 

AHoy 800 bal. 33.5 20.6 - 0.46 0.51 - 1.21 0.49 0.019 
20/25 C r - N i - N b  bal. 25.0 20.0 - - - 0.52 - _ 0.049 
Steel 

carbides measuring 25A thickness by 100A 
diameter. 

The times for nucleation have not as yet been 
considered in the model. At low temperatures 
(<  0.4 Tin) diffusion will be so slow that nucleation 
time could become significant [2]. Also near the 
precipitate solvus temperature nucleation rates are 
likely to decrease because of a lack of volume-free 
energy based driving force. However, nucleation 
rates will be at a maximum in the nose regions of 
the isothermal precipitation curves. These regions 
are those which are considered in most detail in 
this paper and therefore the use of a pure growth 
model is considered justified. 

Volume concentrations are used throughout 
since the theory involves moving equal volumes of 
material from one point to another. Compensation 
for the partial molar volume effect is not necessary 
because the correction terms cancel in the deri- 
vation of Equation 3. 

In this work theoretical isothermal precipi- 
tation curves for intergranular precipitates of disc 
shape with aspect ratio 4 and thickness 25 )k have 
been produced for two austenitic alloys using the 
above model (Equation 3). 

Using data given in Table II, M23C6 and TiC 
precipitates have beer/ considered for Alloy 800 
(see Table I for .composition) (Fig. 1)while M23 C6 
and NbC precipitates have been considered for 
20/25: Cr-Ni-Nb steel (see Table I for compo- 
sition)(Fig. 2). M represents a mixture of 
chromium and iron. The area of grain boundary 
associated with each precipitate (Av) is assumed to 
be 2.25 x 10-~2m 2. In the Gibbs-Thompson 
correction r '  is assumed to be 10-Tm and the 
atomic volume of the solute in the matrix (~2) is 
assumed as 15 x 10-6m 3 tool -~. Several theoreti- 
cal curves are shown on Figs. 1 and 2 displaying 
the possible growth for a range of available carbon 
contents in the alloys. 

The recent experimental data of Sanderson [5] 
for Alloy 800 and of Adamson [6] for 20/25 
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Figure 1 Isothermal precipitat ion curves for  intergranui~ 

M23C 6 and TiC in Alloy 800. 
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Figure 2 Theoret ical  isothermal  precipi ta t ion curves for 

intergranular M23C6, and NbC in 20/25 chromium 
n i c k e l - n i o b i u m  steel. 

Cr-Ni -Nb steel are also plotted in Figs. 1 and 2. 
Both of these sets of data refer to M23 C6. 

The Adamson data are adapted from the quoted 
results [6]. Adamson states that the precipitates 
are spherical. The long dimension of the disc-shaped 
particles assumed in the theory is therefore taken 
as the sphere diameter measured experimentally. 
Furthermore, Adamson's data refer to par- 
ticles 1000 ~k in diameter. Since the Faulkner and 
Caisley approach is only intended to apply to early 
stages of growth, the times taken to grow the 
particles to 100 )k diameter are extrapolated from 
the quoted values. This is done using an expression 
given by Adamson to express the growth of par- 



T
 A

 B
 L

 E
 I

 I 
D

at
a 

fo
r 

is
ot

he
rm

al
 p

re
ci

pi
ta

ti
on

 c
ur

ve
s 

P
re

ci
pi

ta
te

 
xa

 
x 0

 
D

 
(v

ol
um

e 
(v

ol
um

e 
(m

2s
ec

 -1
 X

 1
0 

-4
) 

fr
ac

ti
on

) 
fr

ac
ti

on
) 

c~
o 

x~
 

(v
ol

um
e 

fr
ac

ti
on

) 
c~

 
(v

ol
um

e 
fr

ac
ti

on
) 

3"
 

(J
 m

 -~
 X

 1
0 

-3
) 

20
/2

5 
C

r-
N

i-
N

b
 s

te
el

 
M

23
 C

 6 
0.

22
4 

0.
84

 

N
bC

 
0.

00
55

 
0.

67
 

A
ll

oy
 8

00
 

IV
h3

C
6 

0.
23

2 
0.

84
 

T
iC

 
0.

00
83

 
0.

66
 

0.
19

 e
xp

 (
- 

58
 8

00
/R

T
) 

[1
0]

 

53
0 

ex
p 

(-
- 

82
 3

00
/R

T
) 

[1
1]

 

0.
15

 e
xp

 (
--

 5
4 

9
0

0
/R

T
) 

[4
] 

0.
15

 e
xp

 (
--

 6
0 

O
00

/R
T

) 

[1
31

 

1 
~o/2

3 
--

 e
xp

 [
(-

- 
28

 8
00

/R
T

) 
--

0
.9

 
C

e [8
1 

1 --
ex

p
 [

(-
- 

3
8

4
0

0
/R

T
) 

+
 0

.1
5]

 
C

e [1
21

 

I 
}}~
123
 

co
 e

xp
 [

(-
 2

8 
80

0/
R

T
) 

--
0.

9 

[8
] 

1 C
c 

ex
p 

[(
--

4
0

 5
00

/R
T

) 
+

 2
.5

1 

[1
41

 

0.
00

01
 

--
0.

00
1 

0.
00

01
 

--
0.

00
1 

0.
00

00
8 

--
0.

00
02

 

0.
00

00
8 

--
00

02
 

30
0 

20
00

 

30
0 

20
00

 



JOURNAL OF MATERIALS SCIENCE 14 (1979) �9 LETTERS 

ticles on the grain boundaries in the temperature 
range of interest. This states that the time taken to 
grow a particle 1000 ~ in diameter, ttoo0, is given 
by 

106t 
t l O 0 O -  X2 (4) 

where x is the particle radius measured at time t. 
The choice of available carbon content for 

Alloy 800 is based on the following observations 
made by Sanderson [5]. There was more undis- 
solved TiN than TiC and of the available TiC 
much was Ti(C,N). According to the optical 
microscope observations of Sanderson's alloy there 
are about 0.9 vol % of undissolved particles. If  20% 
of these are TiC or Ti(C,N) and there is three 
times the amount of Ti (C, N) compared with TiC, 
then 0.056 vol % carbon is associated with undis- 
solved particles. Since there is 0.071 vol% carbon 
in the alloy, assuming a density of 8.6 x 103 

kgm -~, this leaves 0.015 vol% carbon available 
for further precipitation. Using this figure a reason- 
able fit between experiment and theory is obtained 
for M23C6 (Fig. 1). The constants used for M23C6 

in Table I I  have been made assuming that M rep- 
resents pure chromium. Although Da Casa [7] has 
shown that up to 30% iron can substitute for 
chromium in this compound, this is not thought 
likely to affect greatly the validity of the results. 
Furthermore, Sanderson reports that more inter- 
granular TiC was seen in the material solution 
treated at 950 ~ C compared to that solution-treated 
at 1050 ~ C. This finding is supported by the predic- 
tions of Fig. 1 which suggest that all small particles 
of TiC should dissolve at temperatures above 
1000~ for an alloy with 0.015 vol% available 
carbon. 

The available carbon content in the 20/25 
C r - N i - N b  steel is 0.17 vol %. For the same reasons 
as discussed in the previous paragraph over half of 
this carbon is probably connected with large, 
undissolved carbides or carbonitrides. No M23C 6 

is present at temperatures above 850~ in this 
alloy, which indicates the position of the solubility 
limit. As can be seen, this is the temperature pre- 
dicted for the solubility limit for a 0.05 vol % avail- 
able carbon content. Therefore, a 0.05 vol % carbon 
level is assumed to be most appropriate in this 
case. Fig. 2 shows that reasonable agreement is 
obtained between experimental points and the 
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theoretical 0.05 vol% available carbon content 
curve for Mz3 C6 in the alloy. 

It should be emphasised that in positions away 
from the noses of  the curves the precipitate behav- 
iour may be incorrectly predicted. This is because 
the nucleation rates are lower in these regions and 
therefore allowance should be made for nucleation 
in the kinetics appraisal. In addition, in tempera- 
ture zones where more than one carbide type is 
expected, there will be a sharing of available carbon 
between the two types of precipitates. Thus the 
predicted curves will overestimate the time needed 
to achieve a certain precipitate size. The important 
point to remember is that the positions of the 
noses of  the curves are reasonably well placed and 
it is precisely these regions in which commercial 
heat treatment engineers are interested. 

The effects of  non-stoichiometric compositions 
in the alloys were not considered because, as was 
discussed in [4], the model only applies to the 
very early stages of  precipitate growth. Therefore 
no consideration of events occurring when either 
solute or carbon supply to the precipitate ceases is 
necessary. 

The niobium carbide curve is likely to be the 
most inaccurate of the curves for the three carbides 
considered. This is because there is some doubt as 
to the actual composition of the carbide. Deighton 
[8] has considered the solubility of NbC in austen- 
itic matrices. However, there is some evidence that' 
NbCo.9 forms in low alloy and ferritic steels [9]. 
Deighton's data are thought to be most applicable 
in the cases of  the alloys discussed here. 

A theoretical model for grain boundary precipi- 
tate growth developed by Aaron and Aaronson 
with modifications for small, constant aspect ratio 
particles made by Faulkner and Caisley is discussed. 
The modified model is shown to give reasonably 
good fits between theory and experimental data 

for M23 C6 and TiC intergranular precipitation in 
Alloy 800 and for M23C 6 intergranular precipi- 
tation in 20/25 Cr -N i -Nb  steel. 
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Hot hardness of  SiC single crystal 

Silicon carbide (SIC) is one of the hardest and 
most refractory materials and is of considerable, 
interest as a high-temperature structural material 
[1 ]. Hardness is an important factor in the choice 
of ceramics for abrasives, tool bits, bearings and 
wear resistant coatings, and it generally correlates 
with both micro- and macro-plastic deformation 
and with the ease of machining [2]. In the case of 
SiC, the room temperature hardness has been ex- 
amined in some detail [ 3 - 6 ] ,  whereas the know- 
ledge of high-temperature hardness (hot hardness) 
is quite limited [7, 8]. U p t o  now no attempt has 
been made to hnalyse the hot hardness of SiC 
single crystals. In this work, the Vickers micro- 
hardness (VMH) tests were made on the basal 
plane and two kinds of prismatic planes ({1 0 ]-0} 
and {1 12 0}) of the single crystal of 6H-polytype 
SiC, from room temperature up to 1500 ~ C. The 
creep behaviour at high temperatures was also 
investigated by hardness measurements at high 
temperatures. 

6H-SiC single crystals were grown from melts of 
silicon, carbon and sodium chloride [9]. The 
planes for hardness tests were polished by various 
grades of  diamond paste (3 to 0.25 gm). Hardness 
measurements were made using a high-temperature 
micro-hardness tester (Nikon, Model QM) in a 
vacuum of 1 x 10 -s to 5 x 10 -4 Tort [10]. In 
almost all measurements, 100 g loads were applied 
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for 10sec at a lowering rate of 0 .3mmsec -1. 
Loads of 25 to 500 g and loading times of 0.1 sec 
to 1 h were used for observations of the deform- 
ation behaviour around indentations and for creep 
tests, respectively. The VMH values reported in 
this work represent the average of at least 10 
indentation measurements. The failure of  diamond 
indenter's tip by chemical reaction, mechanical 
fracture and graphitization [11 ] was not observed. 

Fig. 1 shows the temperature dependence of 
VMH at a 100g load on (0001) ,  {10]-0} and 
{1 120} planes a 6H-SiC single crystal. Meas- 
urements were performed when one of the in- 
denter diagonals was aligned ( 1 0 T 0 ) on the basal 
plane and [0 0 0 1 ] on the prismatic planes. The 
random errors in these measurements were con- 
siderably reduced with increasing temperature 
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Figure 1 Temperature dependence of Vickers microhard- 
ness for the (0001) ,  { 1 0 i 0 }  and {1120} planes of 
6H-SiC single crystal (100 g load). 
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